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Fatigue is one of the most damaging mechanisms in structural components. With the development of
structural nanomaterials, it is imperative to investigate the fatigue damage phenomena at the atomic
scale. To study fatigue behavior at the nanoscale, one must apply non-continuum modeling frameworks,
such as molecular statics (MS), molecular dynamics (MD), and Monte Carlo (MC) methods. To date, only
MD and MS simulations using embedded atom method (EAM) and modified embedded atom method
(MEAM) potentials have been conducted, and this paper reviews these simulations of the nanoscale fati-
gue-crack growth in nickel and copper including single crystals, bicrystals, and polycrystals. A nanoscale
size middle tension (MT) specimen with the lateral side applied periodic boundary conditions was used
to investigate the fatigue behavior in nickel and copper single crystals. Simulation results revealed that
the cyclic plastic deformation at the crack tip was the main influencing factor for fatigue-crack growth.
Two main nanoscale mechanisms of crack propagation were observed: (1) the main cracks linked with
the voids nucleated in front of crack tip due to high dislocation density generated by the cyclic loading;
and (2) the main cracks broke the atomic bonds in the crack plane without much plasticity. For the
bicrystals and polycrystals, the grain boundaries exerted resistance to the crack propagation. To study
the interactions between cracks and grain boundaries, four cases of grain boundary interfaces for copper
and two cases of grain boundaries for nickel were simulated. In copper bicrystals, the crack path deviated
and moved from one grain to another for high misorientations, while there were voids nucleating at grain
boundaries in front of the crack tip that linked back with the main crack. Similar to macroscale fatigue,
dislocation substructures were observed to develop in the atomic lattice during cyclic loading. In nickel
bicrystals, for large misorientations, the cracks were stopped by grain boundaries. For small misorienta-
tions, the crack propagated through the grain boundary, but the growth rate was reduced due to the resis-
tance of the grain boundary. Fatigue-crack growth rates for nanocracks were computed and compared
with growth rates published in the literature for microstructurally small cracks (micron range) and long
cracks (millimeter range). A nanostructurally small crack (NSC) was introduced in terms of the CTOD. The
quantified NSC growth rates in copper single crystals were very similar with those experimentally mea-
sured for small cracks (micron range) and with those at stress-intensity-factor ranges lower than the
threshold for long cracks (millimeter range). The atomistic simulations indicated that reversible plastic
slip along the active crystallographic directions at the crack tip was responsible for advancing the crack
during applied cycling. In the case of single or double plastic slip localization at the crack tip, a typical
Mode I fatigue crack arose along a slip band and then grew into a mixed Mode I + II crack growth mech-
anism. For crystal orientations characterized by multiple slip systems concomitantly active at the crack
tip, the crack advance mechanism was characterized by nanovoid nucleation in the high density nucle-
ation region ahead of the crack tip and by linkage with the main crack leading to crack extension. To facil-
itate observations of fatigue-crack growth, the simulation of a copper polycrystal was performed at low
temperature 20 K as well. The crack propagated along persistent slip bands within the grain. The crack
propagated along grain boundaries when the angle between the direction of crack propagation and the
grain boundary was small, while it was impeded by the grain boundary when the angle was large. The
results obtained for the crack advance as a function of stress intensity amplitude are consistent with
experimental studies and a Paris law exponent of approximately two.
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1. Introduction

Fatigue in metallic materials subject to repeated cyclic loading
has been an active research area since last century and continues
to be a focus of structural materials study. Most investigations of
fatigue have been performed at the microscale and/or macroscale.
Hence, the mechanism of fatigue failure is fairly well understood
with the crack lengths ranging from a few microns to millime-
ters/centimeters. The classic continuum approaches are very pow-
erful tool to solve the problems at the macro- or microscale.
However, several reasons exist for performing atomic scale simula-
tions. First, due to the development of nanomaterials and nano-
structures, fatigue will become, at some point, an issue for the
designers. Without the knowledge base for nanoscale fatigue, the
designs will not be as robust. Second, macroscale fatigue models,
particularly ones with microstructural sensitivities do not cover
the length scale in the atomic region. To garner nanoscale crack
growth rules in order to get more accurate macroscale predictive
tools, atomistic simulations are warranted to provide mechanism
understanding of grain boundary effects, crystal orientation effects,
and driving force versus material resistance effects. Finally, nano-
scale fatigue simulations such as those provided in this review
can give insight into the fidelity of higher scale mathematical mod-
els and micromechanical finite element simulations by either pro-
viding the pertinent equations or at least the parameters for
already developed equations.

With respect to multiscale fatigue models, several have recently
been developed [1–5] precious few have focused on the nanoscale.
Since atomistic modeling is a useful tool to help understand and
model the motion of each atom in the material, molecular dynam-
ics and statics simulations can provide understanding into the dis-
location nucleation, motion, and interaction with cracks. As
opposed to continuum theories, atomistic modeling is capable of
providing insight into solving fatigue problems based more on first
principles. As long as the interatomic potential is reliable, it can
disclose the fundamental physical mechanisms of fatigue. As such,
some questions that have driven the research in atomistic fatigue
are the following: can the equations that represent the microstruc-
turally small crack growth regimes be used for nanocrack growth
since material resistance is present at both length scales? Can long
crack growth models be used to capture the nanocrack growth
rates? Does the crystallographic orientation effect change our par-
adigm of small crack growth? Do we see the same mechanisms at
the nanoscale as we do at the microscale and macroscale?

To provide context for the nanoscale fatigue study presented
here, it is worth mentioning that extensive studies on single crys-
tal, bicrystal, and polycrystalline under monotonic loads have been
accomplished by several researchers. Daw et al. [49] provided a
nice summary of using embedded atom method (EAM) potentials
for understanding dislocation nucleation and propagation, applica-
tion to hydrogen environments, and issues with free surfaces like
cracks. Holian et al. [81] and Abraham et al. [82] were probably
the first to examine large scale parallel computing simulations of
cracks growing via molecular dynamics simulations. Baskes et al.,
[57] studied biomaterials interfaces under monotonic loads. Gall
et al. [58] conducted molecular dynamics simulations to study
the crack growth of aluminum–silicon biomaterial interfaces. Fang
et al. [59] performed Bauchinger effect studies by examining single
and bicrystal nickel specimens to associate the type of dislocations
with reverse yielding effects. Clearly, a whole review is warranted
just to discuss the plasticity and fracture related to atomistic sim-
ulations, but a few seminal papers were mentioned here to provide
context for the nanoscale fatigue discussions ahead.

The fatigue behavior of materials has not been studied exten-
sively at atomic level. The basic reason is relate to the difficulties
arising from the associated length and time scales. To the best of
our knowledge, only several researchers conducted the computa-
tional study on fatigue-crack growth of face-centered cubic metal,
namely, copper and nickel at atomic scale [6–9]. The results of
atomistic simulation by Farkas et al. [9] are consistent with the
experimental results of fracture and fatigue in a bulk nanocrystal-
line Ni–Fe alloy carried out by Yang et al. [10] who revealed that
the fatigue crack in the nc Ni–Fe alloy initiated by nanovoid coales-
cence ahead of the dominant crack tip. Nishimura and Miyazaki
[11] performed the molecular dynamics simulation of a-Fe to
examine the mechanical behaviors around a crack tip for a system
containing both a crack and two tilt grain boundaries under cyclic
loading. They proposed that the fatigue-crack growth mechanism
is due to the coalescence of the crack and the vacancies caused
by the emission and absorption of the dislocations at the crack
tip. Chang and Fang [12] analyzed the tensile and fatigue behavior
of nanoscale copper at various temperature using molecular
dynamics simulation. They concluded that the effect of increasing
temperature is an increase in fatigue stress and the ductile fracture
configuration occurred under lower applied stress.

In light of the aforementioned comments, the focus of this pa-
per is to present a review on the atomistic modeling of fatigue-
crack growth in single crystals, bicrystals, and polycrystals of cop-
per and nickel reported in [6–9]. We try to sum up the works per-
formed in this field so far. The survey of the literature is included in
Sections 2–4. We also added some new atomistic fatigue-crack
growth results in nickel bicrystals and copper polycrystals, which
had not been published in the literature. The summary is presented
in the final section with thoughts regarding new areas of research
regarding atomistic modeling of fatigue.

2. Simulation method

2.1. Interatomic potentials

In atomistic modeling, the properties of materials can be de-
fined by the interatomic potential (to a continuum mechanics per-
son, this is the constitutive relationship), which is the basic input
of molecular simulation besides the structural information such
as the initial configuration of atoms, type of atoms and their veloc-
ities, etc. The choice of interatomic potential is vital to the simula-
tion results. The embedded atom method (EAM) potential was
devised to solve practical problems in metals with many-body
bonding properties [13,14] and were used the fatigue studies of
[6–9]. EAM treats each individual atom as an embedded particle
in a host aggregate composed of all the other atoms. The embed-
ding energy contributes to the total energy of the system through
the local electron density where an individual atom is located. The
EAM theory is based on local-density functional principles and its
central idea is that the cohesive energy of a system can be de-
scribed as the energy provided by an atomic system during the
embedding process of each constituent atom in that particular sys-
tem, as given in the equation

E ¼
X

i

Gi

X
j–i

qa
j ðRijÞ

 !
þ 1=2

X
i;jði–jÞ

UijðRijÞ ð1Þ

where G is the embedding energy, qa is the average electron den-
sity, Rij is the distance between the atoms i and j and U is the energy
due to the electrostatic interaction between two atoms [14]. As
shown Eq. (1), an important assumption is that the embedding en-
ergy of any atom (which can be viewed as an impurity) is a function
of the electron density of the host before the atom is added. The
functions Gi and Uij are calculated from experimental curve fitting
of the lattice parameter, elastic constants, and sublimation and va-
cancy formation energies [13]. An improvement to the EAM is the
modified embedded atom method (MEAM) potential [15,16]. In
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the MEAM, the electron density is given by two terms, the linear
superposition of the electron densities from the neighbouring
atoms and a correction term that takes into account the angularity
of the atomic bonds correlated to the shear modulus [16]. The spe-
cific form of the atom density function in the MEAM [15] is given by

qa
i ¼

X
j–i

qaðRijÞ � a
X

j–i;k–i

ð1� 3 cos2 hjikqaðRijqaðRikÞÞÞ ð2Þ

where Rij is the distance between atoms i and j, a is the angularity
parameter calculated by correlation with the shear modulus and hjik

is the angle between the atoms i, j and k. The form in Eq. (2) was
chosen to minimize the distortional energy. The MEAM was shown
by [15] to work well for metals and for other types of materials
(semiconductors and diatomic gases).

In this paper, MEAM potential was used to simulate the fatigue-
crack growth in copper and nickel single crystals and copper
bicrystals. The EAM potential was applied to simulate the fati-
gue-crack growth in nickel bicrystals and copper nanocrystalline
materials. The simulations utilize an EAM potential for nanocrys-
talline Ni [17] and has been tested as part of our previous work
dealing with fracture under monotonic loading [18].

Also, if one were to use molecular dynamics to perform fatigue
cycling on polymers and/or ceramics, one would probably not need
to use EAM or MEAM potentials. A good summary of the class of
bond order formalisms that has proven valuable for covalently
Fig. 1. Lattice orientation analyzed i
bonded systems was given by Brenner [54]. Stoneham et al. [55]
summarized the shell model, which is a modification of a pair po-
tential, used for ceramics.

2.2. Atomistic model set-up

2.2.1. Single crystals
To simulate the fatigue-crack growth in copper and nickel sin-

gle crystals, five specimens with different orientations were em-
ployed to study the nanoscale fatigue-crack growth in copper
and nickel single crystals. These orientations, shown in Fig. 1, are
[1 1 1], [1 0 0], [1 1 0], [1 0 1] and [1 2 2], respectively. These orien-
tations represented the crystallographic directions corresponding
to the y-axis of the specimen along with the loading that was ap-
plied. The x-axis represented the crack growth direction, whereas
z represented the thickness dimension of each specimen. Five ori-
entations of the specimens were chosen for the analysis, since they
constitute representative directions on the stereographic triangle
or the inverse pole figure. In addition, each of these orientations
were characterized by a varying number of slip systems initially
active as shown in Table 1. The atomistic models for each of the
five orientations were built with approximate dimensions of
36 � 36 � 1.4 nm, in the x-, y- and z-directions, respectively. The
thickness of the model in z-direction is four times of the unit cell
length depending on the indices of z-axis after [50,51]. In order
n the single crystal simulations.



Table 1
Summary of fatigue-crack growth data in single crystals.

Orientation No. of active
slip systems

Schmid
factor

Propagation
mode

Crack extension
mechanism

A [1 1 1] 6 0.272 Mode I Ductile
B [1 0 0] 8 0.408 Mode I Ductile
C [1 1 0] 4 0.408 Mode I Cleavage
D [1 0 1] 4 0.408 Mode I + II Ductile
E [1 2 2] 2 0.408 Mode I + II Ductile
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to verify the effects of z-direction thickness and potential, we have
also performed the simulation on the models with the thickness in
z-direction having eight and twelve times of one unit cell length
using the potential given by Mendelev et al. [19]. The simulation
results show that the results have converged when there are
four unit cell in z -direction and the results obtained using
Mendelev potential have the same trends as those calculated by
MEAM [15].

Another nuance related to the boundary conditions is related to
the periodic boundary conditions. Once a dislocation would initiate
within the specimen, it might cut through the specimen and come
through the other side looking like a new dislocation. It is, how-
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Fig. 2. Lattice orientations for the two
ever, just the same one because of the limitation of the periodicity.
This phenomena was observed in several other studies where large
strain plasticity was studied as well [52,53]. Although one could
assert that each of the boundaries could act as a grain boundary,
where dislocations would nucleate accordingly, it is still a nuance
of the boundary conditions employed. One could imagine that
other types of boundary conditions would induce different disloca-
tion behavior and thus affect the specimen behavior. Some who
have studied these effects include the following: this is an oppor-
tunity for future studies.

Therefore, in the following investigations, we employ the
MEAM [15] to investigate the fatigue-crack growth in copper and
nickel single crystals. The periodic boundary conditions were as-
signed in the x- and z-directions. Each specimen had an initial cen-
tral crack (middle tension configuration). The atomistic specimens
were assigned periodic boundary conditions in the x- and z-direc-
tions. Each specimen included an initial central crack (middle ten-
sion configuration).

The ratio of the initial crack length to the width of the specimen
was a0/W = 0.1. Cyclic loading was applied at a strain rate of
109 s�1. Also, an initial velocity gradient was employed throughout
the specimen so as to remove the shock moving through the
specimen as per [52].
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grains in the bicrystal simulations.
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Fig. 4. Orientation of the corresponding single crystal.

Fig. 5. Specimen used for the simulation of fatigue-crack growth.
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2.2.2. Bicrystals
In the bicrystals studied in this work, the notion of small misori-

entation angles and large misorientation angles were analyzed
after the large strain work of Hansen and Hughes [56]. Clearly,
more important grain boundaries or ones that are maybe more
prevalent in copper and nickel should be studied, but this present
study only examines some idealizations to show the connections to
higher scale models. Work has been conducted at the atomic scale
for bicrystals [70–75] and polycrystals [76–80] by examining types
of dislocations and plasticity but mainly upon monotonic loading
conditions [65–69].

2.2.2.1. Copper bicrystals. Four cases of grain boundary interfaces
were simulated in the study of fatigue-crack growth in copper
bicrystals. The general configurations of these bicrystals follow
the types experimentally analyzed by Li [20], and they are shown
in Fig. 2. The first case AA, shown in Fig. 2a, corresponds to a
[0 1 2]–[1 1 1] tilt grain boundary. The z-axis corresponds to the
[1 2 1] direction for both neighbouring grains, while the x-axis in
the first grain is represented by the [5 2 1] direction, and in the sec-
ond grain by the direction. The second case BA corresponds to a
[0 1 2]–[3 4 5] tilt grain boundary and is shown in Fig. 2b. The pri-
mary slip directions [1 0 1](1 1 1) in the two adjacent grains are
symmetrical with respect to the vertical grain boundary, forming
a 101.3� angle between them. Fig. 2b shows that the primary slip
planes in the two grains are not parallel to each other. The third
case CA corresponds to the two grains being oriented in a [0 1 2]
tilt symmetric orientation related to the tensile y-axis. The orienta-
tion of the x and z axes for each of the grains are shown in Fig. 2c.
The two primary slip systems intersect the grain boundary plane
along a common axis, and their components in the x -direction
are inversely related to each other. The fourth case DA is a [1 2 1]
tilt boundary shown in Fig. 2d. The tensile axis is represented in
the first grain by [0 1; 2] direction and in the second grain by
[0 1 2]. The primary slip planes (1 1 1) in the two grains are parallel
to each other. In each of these cases, the grain on the left had an
edge crack. The fatigue loading applied to the specimens was sim-
ilar to the loading conditions applied to the single crystal speci-
mens and has been described in the previous section.

2.2.2.2. Nickel bicrystals. The bicrystals of nickel comprised two
symmetrically rotated single crystals, as shown in Fig. 3, which
are demarcated by a tilt grain boundary. The orientation of the
[1 1 0] axes of the two single crystals were inclined by equal angles
to the [0 0 1] axis. The angle between the [1 1 0] axes of two single
crystals was defined as h. The size of the specimen was
Fig. 3. Orientation of bicrystal [1 1 0] axes of the two symmetrical single crystals
are inclined by equal angles to the [0 0 1] axis.
42.4 � 28.2 � 1.4 nm, in the x-, y-, and z-directions, respectively.
We investigated two cases of grain boundary, namely, ah = 10�
small misorientation and ah = 30� large misorientation grain
boundary. There was an edge crack on the left edge of each speci-
men. For the sake of comparison, we also simulated the fatigue-
crack growth in corresponding single crystal as shown in Fig. 4,
whose dimensions were the same as those of bicrystals.

The applied cyclic loading was emax = 5 � 10�2 and stress ratio
R = emin/emax = 0.8 for the bicrystal nickel simulations. The loading
was applied along y-direction, and the periodic boundary condition
was assigned in z-direction.

2.2.3. Nanocrystalline FCC metals
2.2.3.1. Copper nanopolycrystalline. Voronoi construction was em-
ployed to build the initial atomic configuration [21]. All of the
columnar grains in the specimens were constructed using the com-
mon axis [0 0 1] around which each grain rotated random angles.
We made three specimens containing 5, 20, and 40 grains, respec-
tively. After the initial generation, the specimens were equilibrated
at a temperature of 20 K. To facilitate the propagation of fatigue
crack, the simulation was performed at 20 K also. Each specimen
had an initial edge crack on the left as shown in Fig. 5. The dimen-
sions of each specimen are 16 � 16 � 1.4 nm. The increasing max-
imum strain fatigue loading as shown in Fig. 29 was applied along
the y-direction.

2.2.3.2. Nickel nanopolycrystalline. Just like the copper polycrystal-
line specimens, the initial nickel atomic configurations used in
our studies were generated using a Voronoi construction [21] as
well. The columnar grains in the sample were generated by using
a common [1 1 0] axis for all grains and a random rotation angle
around this axis for the various grains. The sample contained 36
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grains with an average grain size of 6 nm. The periodicity along the
[1 1 0] axis common to all grains was kept at the lattice periodicity
along that direction. The grain boundaries present in these samples
were of pure tilt character and had random misorientation angles.
After their initial creation, the samples were fully relaxed using a
conjugate gradient technique. The initial relaxation included the
simultaneous energy minimization with respect to the total sam-
ple volume. The relaxed configuration was then used as a starting
configuration in both the molecular statics and the dynamics tech-
niques to study crack propagation using the same EAM interatomic
potential and cyclic loading.

The simulation of fracture in nickel was conducted differently
than in the copper nanocrystalline specimens. With the notion of
a semi-infinite crack loaded to a given stress intensity K, the molec-
ular dynamics and molecular statics simulations employed dis-
placement fields obtained from the elasticity theory for the given
value of the stress intensity. The role of the linear elastic contin-
uum displacement served as an initial guess for the relaxed atomic
configuration in all the regions of the simulation. It also served as
the boundary conditions that were kept fixed in the regions far
from the crack tip. Based on continuum fracture mechanics, the
elastic solution should be valid far from the crack tip. The atomic
positions far from the crack tip were held fixed according to the
elastic solution during the conjugate gradient routine used in
molecular statics or during a certain number of time steps in the
molecular dynamics technique. As the simulation progressed, the
loading increased or decreased superposing corresponding dis-
placement given by linear elasticity, updating the fixed boundary
conditions to those representatives of a crack with a higher or a
lower loading level. These displacements were used to simulate
cyclic loading by applying a load to a certain stress intensity Kmax

for the first part of the cycle and then superposing displacements
corresponding to reach a lower stress intensity Kmin in the second
part of the cycle. The cyclic process between the maximum and
minimum stress intensities can be simulated with either molecular
dynamics or molecular statics. The latter technique simulates an
equilibrium configuration in the crack tip at both the minimum
and maximum loading points of each cycle. Alternatively, molecu-
lar dynamics represents the response of the crack tip at extremely
high cycling rates. In the work reported here we used both
techniques.

The samples were subject to cyclic loading with an average
stress intensity, Kave of 0.96 MPa

ffiffiffiffiffi
m
p

. Four values of the stress
intensity amplitude were considered, namely, 1.28, 1.6, 1.76, and
2.9 MPa

ffiffiffiffiffi
m
p

. For the molecular dynamics simulations 2000 MD
steps per cycle were used with a time step of 1 � 10�15 s and a
temperature of 300 K. Simulations using molecular statics were
also carried out where the crack was allowed to reach a local equi-
librium configuration at both the low and the high loading points
of the cycle. These simulations were therefore representative of
low cycle fatigue where the system has enough time to reach equi-
librium as the cycle proceeds. Most importantly, the comparison of
these two techniques gave an assessment of the importance of the
fast time scale in the MD simulations in the mechanisms observed
and in the rates of crack advance. The simulations reported here
follow the crack using this technique for 30 cycles. The threshold
stress intensity amplitude observed was about 1–1.1 MPa

ffiffiffiffiffi
m
p

.

2.3. Discussion of effects of boundary conditions

The major difficulty with the nanofatigue simulations is the
strong constraint imposed by using periodic boundary conditions
in the z-direction with a relatively small through-thickness dimen-
sion. Some have studied these effects based upon monotonic loads
[62–64]. As mentioned earlier, this can give quantitative differ-
ences in the results although the qualitative trends would not be
affected as discussed in [50–53]. In these nanofatigue simulations,
different crystal orientations have a geometry in which the [1 1 1]
slip planes did not contain the out-of-plane line direction and so
are oblique to the crack front. This suppresses dislocation emission
on the accepted slip planes arising in FCC materials. Therefore,
such complex dislocation behavior in three dimensions remains
as a need for future study.

To verify the effect of thickness in z-direction, we performed the
investigations on the specimen with Orientation C as shown in
Fig. 1c. The thickness varied from four unit cell to twenty unit cells.
The length of one unit cell was about 0.35 nm, and a uniaxial ten-
sion strain in the y-direction was applied up to a total strain
of e = 0.06. The averaged stress–strain curves of the different thick-
ness specimens are shown in Fig. 19. We observed that the stress
dropped once the dislocations nucleated at the crack tips. The ini-
tial slope of the stress–strain curve and dislocation nucleation
stress were independent of the thickness in the z-direction. This
implies that the first dislocation nucleation was not affected by
the specimen thickness. Also, the cyclic loading was applied along
the y-direction. Fig. 20 shows the crack growth rate decreased
abruptly when the thickness increased from four unit cells to eight
unit cells. The results converged at the thickness of 16 unit cells.

2.4. Visualization

We use the centrosymmetry parameter defined by Kelchner
et al. [22] to highlight the dislocations in the specimen for the most
part. This parameter for each atom is given by

P ¼
X

i

jRi þ Riþ6j2 ð3Þ

where Ri and Ri + 6 are the vectors corresponding to the six pairs of
nearest opposite neighbors in the FCC lattice. Thus, P = 0 in an
undisturbed portion of the lattice, and P becomes large near dislo-
cations or free surfaces. The centrosymmetry parameter is a metric
introduced to quantify nanoscale defects. For example, a vacancy
represents a situation where only individual atoms are displaced
from their original equilibrium position, while the surrounding lat-
tice remains intact. A dislocation in the atomistic model represents
a continuous line of atoms with modified centrosymmetry
parameters.

Another parameter that we employed for visualization purposes
was the Green strain tensor adapted from Gullett et al. [60]. The
different components of the strain tensor were employed to give
insight into the centrosymmetry parameter results and also pro-
vide fodder for the local plastic shear strain range used in McDo-
well et al. [61].
3. Simulation results

3.1. Fatigue-crack growth in single crystals

3.1.1. Copper single crystals
The loading applied was in a strain-controlled mode with the

maximum strain level of emin = 0.01 and an applied load ratio of
R = emin/emax. This high load ratio for the tension–tension fatigue
loading was chosen to prevent the crack faces from contacting each
other, otherwise partial rewelding of the crack faces occurred,
leading to difficulty in growing the crack. All atom velocities were
initiated in the required direction at the beginning of each loading
and unloading half cycle to alleviate the stress wave overlap that
could arise from the high rate of deformation. Before applying
the fatigue loading, the temperature in the specimens was equili-
brated at 300 K. During fatigue loading for the first 10–15 cycles,
we did not observe the mean stress relaxation. However, for most



Fig. 6. Contour plots of plastic deformation and crack growth during fatigue loading for a single crystal in Orientation A [1 1 1] coincident with the loading axis (LA).
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Fig. 7. Contour plots of plastic deformation and crack growth during fatigue loading for a single crystal in Orientation B [1 0 0].
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crystal orientations analyzed, the mean stress stabilization was
recorded.

The mechanisms of fatigue crack propagation at the macroscale
for long cracks and at the microscale for small cracks have been
studied intensely [23–25]. These cracks grow as Stage II fatigue
cracks at rates up to several microns per cycle. Nanoscale cracks
exhibit growth rates in the vicinity of several angstroms per cycle.
Using atomistic simulations, insight into the crack propagation
mechanisms at the smallest length scales governed by plastic
deformation can be gained. In this section, we show that the plastic
processes leading to crack propagation at the nanoscale operate
similarly as in the case of small and long cracks.

Figs. 6–10 show fatigue-crack growth in the specimens indi-
cated in Fig. 1a–e. These figures show contour plots of the plastic
deformation around the crack tip at various loading cycles for all
five orientations considered. In the case of Orientation A, shown
in Fig. 6, the crack grew in the plane (1 1 1), propagating along
the [1 1 0] direction, and the view plane is (1 1 2). The two slip
bands forming at the crack tip correspond to the directions
[1 3 2] and [3 1 2], representing the traces the slip planes (1 1 1)
and (1 1 1), respectively on the view plane (1 1 2). The slip bands
were oriented at an angle of 22.2� with respect to the vertical
[1 1 1] orientation. The crack tip exhibited significant blunting
due to the intense localization of the plastic slip along the two slip
bands. An increased dislocation density in front of the crack tip
caused void nucleation and linkup of the voids with the main crack
leading to a crack growth increment. Fig. 3 shows the simulation
results from Orientation B. The crack plane was (1 0 0) and propa-
gation occurred along [0 1 0] direction. The crack tip plastic zone
was small and localized near the crack tip. Consequently, the crack
tip blunting was relatively small, according to the reduced plastic-
ity at the crack tip. The propagation mechanism in this case was
void nucleation in front of the crack tip and linkage of the void back
to the main crack. Since eight slip systems were concomitantly ac-
tive at the crack tip, plasticity at the crack tip similar to an isotropic
condition produced high stress triaxialities (Fig. 7).

Fig. 8 shows results from Orientation C with the crack in the
(1 1 0) plane and the propagation direction along [1 1 0]. No signif-
icant crack tip blunting was observed in this case. Multiple slip ori-
entations induced a crack propagation mechanism characterized
by fatigue cleavage of atoms in the (1 1 0) plane.

Fig. 9 shows Orientation D of the atomistic model with the crack
in the (1 0 1) plane and propagating in the [0 1 0] direction. Intense
double slip localization occurred at the crack tip. The two slip



Fig. 8. Contour plots of plastic deformation and crack growth during fatigue loading for a single crystal in Orientation C [1 1 0].
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Fig. 9. Contour plots of plastic deformation and crack growth during fatigue loading for a single crystal in Orientation D [1 0 1].
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Fig. 10. Contour plots of plastic deformation and crack growth during fatigue loading for a single crystal in Orientation E [1 2 2].
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Fig. 11. Crack growth rates from the nanoscale atomistic simulations comparing
small and long crack growth rates in Cu single and polycrystals. The applied
maximum strain was emax = 0.02.

Fig. 12. Crack growth rates from the nanoscale atomistic simulations comparing
small and long crack growth rates in Cu single and polycrystals. The applied
maximum strain was emax = 0.01 and 0.02.
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bands corresponded to the directions [1 2 1] and [1 2 1], represent-
ing the intersections of the view plane (1 0 1) with the slip planes
(1 1 1) and (1 1 1), respectively. Significant crack tip blunting was
experienced by the crack due to the plastic slip localization at
54.7� with respect to the vertical [1 0 1] direction. Between Cycle
2 and Cycle 8, the crack grew under Mode I. Starting at Cycle 9,
the crack deviated out-of-plane into mixed Mode I + II of growth
along the primary slip bands. Growth along a crystallographic slip
bands has also been observed for larger microstructurally small
cracks within crystallographic grains [26]. The results from Orien-
tation E shown in Fig. 10 had a crack located in the (1 2 2) plane
and growing in the [2 1 0] direction. A single slip band formed at
the crack tip along the primary slip direction [9 7 1], which is the
trace of the (1 1 1) slip plane with the view plane (1 2 2:5). Plastic
shear occurred along the secondary slip system in the [1 7 6] direc-
tion, which is the intersection between the (1 1 1) slip plane and
the view plane. The angle between the slip line [9 7 1] and the ver-
tical axis [1 2 2] was geometrically calculated to be 43.2�. Crack tip
blunting occurred similar to Orientation D as shown in Fig. 1d.
Also, similar deviation of the crack was observed, from a Mode I
growth to a mixed Mode I + II growth along the primary slip band.
Deformation bands (DBs) are observed to cover a wide area of the
specimen with even distribution of dislocations, as opposed to the
slip bands where the majority of plastic deformation is limited to a
narrow band. Usually DBs are highly deformable regions extending
over a large portion of the specimen surface, and they dominate
the cyclic deformation in FCC single crystals [27,28]. A summary
of the main findings from the fatigue-crack growth simulations
in single crystals is shown in Table 1.

To compare the various nanoscale crystal orientation effects, fa-
tigue-crack growth rates were computed from the atomistic simu-
lations for two strain levels of emax = 0.02 and 0.01. Figs. 11 and 12
show the crack growth rates da/dN versus the stress-intensity-fac-
tor range DK. The Mode I stress-intensity-factor range has been
calculated using

DK ¼ Kmax � Kmin and K ¼ r
ffiffiffiffiffiffi
pa
p

ð4Þ

where r is the volume average stress in the y-direction calculated
from the dipole force tensor of all atoms in the model, and a is
the crack length. The value of the geometrical factor multiplying
the right-hand side of Eq. (4) was calculated and based upon the dif-
ferent atomistic results were not larger than 1.02. Thus, for simplic-
ity, in Eq. (4), we assumed this factor to approximate one. Crack
growth rates da/dN versus DK for an applied strain of emax = 0.02
are shown in Fig. 11 The results from this study are compared with
experimental data for microstructural long cracks from the litera-
ture. This comparison gives a multiscale view of the fatigue-crack
growth phenomenon in copper. A few important comments are
warranted. First, nanocracks exhibit growth rates that are compara-
ble to those of fatigue cracks from the higher length scales. How-
ever, the computed da/dN for nanocracks range between 10�11

and 10�8 m/cycle, while long cracks were found to grow at rates
lower than 10�11 m/cycle in the experiments of Marchand et al.
[29] in the near-threshold regime, for copper with two grain sizes
of 12 and 120 lm, respectively. In polycrystalline copper, Liaw
et al. [30] recorded da/dN for copper at two heat-treatment condi-
tions ranging from approximately 10�10 to values larger than
10�7 m/cycle. The crack growth rates computed from our atomistic
simulations were slightly lower than the growth rates experimen-
tally measured in copper single crystals oriented for single slip by
Wang and Mughrabi [31], who found da/dN ranging from
5 � 10�9 to 2 � 10�8 m/cycle. Growth rates for microstructurally
small cracks were measured by Pol‘ak and Li¢skutin [32], and they
indicated a classical small crack effect growing faster than long
cracks in single crystals and long cracks.
Crack growth rates from atomistic simulations with a maxi-
mum applied emax = 0.01 are shown in Fig. 12 with those of micro-
cracks and long cracks in single and polycrystals. For the
convenience of comparison of the values obtained from emax = 0.01
and emax = 0.02, we also plotted the atomistic simulation results
from emax = 0.02 in the Fig. 12. The crack growth rates for emax =
0.01 were comparable with those for emax = 0.02. From Figs. 11
and 12 one can observe that, besides the comparable da/dN, the
crack tip driving force DK values for cracks at different length
scales were amazingly in the same range. In Fig. 11, the DK values
computed for nanocracks ranged from 0.3 to 1.2 MPa

ffiffiffiffiffi
m
p

. These
values for DK were well below the threshold value DKth for long
cracks in copper polycrystals experimentally measured at
approximately 2 MPa

ffiffiffiffiffi
m
p

[32]. For an applied maximum strain
of emax = 0.01 the crack tip driving force decreased to approxi-
mately 0.05 MPa

ffiffiffiffiffi
m
p

. Below this value, the nanoscale cracks in
the present study were observed to become non-propagating,
suggesting a threshold between propagating and non-propagating
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fatigue cracks at the nanoscale between 0.05 and 2 MPa
ffiffiffiffiffi
m
p

. How-
ever, a more systematic study, using at least one of the well-known
methods (constant Kmax or constant R) will be required for a rigor-
ous characterization of DKth for nanocracks.

The growth rates for nanocracks computed from atomistic sim-
ulations indicated that as the applied DK was lowered toward a va-
lue of approximately 0.05 MPa

ffiffiffiffiffi
m
p

, the scatter in growth data
increased considerably. On the contrary, for larger DK values, the
crack growth rates do not exhibit significant scatter, and the data
tends to be positioned on a well-defined line on the da/dN
versus DK plot. This suggests the existence of a Paris [33] regime
for nanocracks. For the computations with the applied maximum
strain level of emax = 0.02, the Paris equation obtained by curve fit-
ting the crack growth data for DK P 1.06 MPa

ffiffiffiffiffi
m
p

is

da
dN
¼ CðDKÞm ð5Þ

where, C and m are constants with C = 3.149 � 10�10 and m = 3.504.
Similar curve fitting for the data in Fig. 12, for emax = 0.01, resulted
in C = 2.387 and m = 9.05 � 10�10.

Based on the results obtained from the atomistic simulations
and comparison with fatigue-crack growth data shown in Figs.
11 and 12, a map of crack growth rate distributions for cracks rang-
ing from the nanoscale to macroscale can be drawn. In Fig. 13, such
a map is shown, indicating distinct regions for growth rates of fa-
tigue cracks of various lengths. At the smallest length scale, with
nanocrack lengths ranging between 1 nm and 1 lm, the crack
growth rates da/dN can vary from approximately 10�11 to
5 � 10�10 m/cycle depending on the crystal orientation, for an ap-
plied stress intensity range, DK, from a threshold value of approx-
imately 0.05 to 2 MPa

ffiffiffiffiffi
m
p

, respectively. In this regime, nanocracks
grow under the influence of discrete dislocations and atomic mo-
tion, such as plastic slip localization along crystallographic planes
and vacancy formation. The next level in material length scale is
represented by microstructural cracks with lengths ranging from
1 lm to approximately 1 mm. Fatigue-crack growth mechanisms
are influenced mainly by the microstructural features encountered
by the fatigue crack during its growth history. Among these, the
most important are grain boundaries [34], inclusions, and constit-
uent particles [35]. The region on da/dN versus DK plot for micro-
structural cracks is above the one for nanocracks. Based on
experimental results [32], microstructural cracks in copper have
a growth rate between 5 � 10�10 and approximately 2 � 10�8 m/
cycle for the same applied values of DK. The largest length scale
Stress intensity factor range ΔK [MPa m1/2]
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Fig. 13. Crack growth rate map for fatigue cracks ranging from nanoscale to
macroscale in copper single and poly-crystals.
for fatigue cracks is represented by long cracks, larger than
1 mm. For this type of crack, the only governing mechanism is
the plastic deformation in the wake and at the crack tip. The
growth of long cracks is observed usually for DK values larger than
approximately 2 MPa

ffiffiffiffiffi
m
p

. As DK is increased, the crack growth of a
long crack can be represented by a Paris Law type Eq. (5).

Traditionally, for long cracks, researchers have considered that
the crack growth increment during a cycle is a fraction of the crack
tip opening displacement (DCTOD) range. This is supported by the
reversible crack tip blunting processes [23]. However, in the case of
small cracks, a breakdown of the linear elastic fracture mechanics
principle occurs [24,25]. The growth rates of small cracks can be
much larger than those for long cracks, which makes the increment
in growth rate sometimes equal to DCTOD. In the case of fatigue
nanocracks, such a topic has not been studied either experimen-
tally or computationally. Correlation of the crack growth rate da/
dN versus the DCTOD for nanocracks is shown in Fig. 6. The CTOD
was measured at a very short distance behind the crack, usually
between 1 and 2 nm, where the crack tip blunting ended and the
crack faces became flat. At any position, the dependence of da/dN
versus DCTOD is represented by

da
dN
¼ cDCTOD ð6Þ

where c is a constant determined from atomistic computations. The
constant c is observed to vary from one orientation to another. For
example, the constant c has a low value of 0.38 in the case of orien-
tation [1 0 0], while it has similar values of 1.25 and 1.52 for orien-
tations [1 1 1] and [1 0 1], respectively. The simulations in the case
of orientation [1 2 2] required a large value of 2.16 for the constant
c. In addition, values greater than one for the constant c for some
orientations imply that the fatigue damage progressed rapidly at
the nanoscale. An explanation for this situation is that, in the case
of nanocracks, the crack length a, crack growth increment da/dN,
and opening displacement range DCTOD are all of comparable
dimensions, in the range of nanometers. On the contrary, at the
microscale, da/dN is approximately two to three orders of magni-
tude smaller than a (Fig. 14).

3.1.2. Nickel single crystals
Dislocation substructures that arose during the cyclic loading at

constant strain amplitude were analyzed, and the main results are
presented in Figs. 15 and 16. The fatigue loading applied had a
maximum strain of emax = 5 � 10�3 and a ratio of R = emin/emax =
0.5. The high load ratio was chosen in order to prevent the inner
faces of the void from contacting each other during unloading.
From previous simulations, it was observed that contact of the
crack surfaces led to the welding of the crack faces which led to dif-
ficulty in propagating the crack. All the specimens were cyclically
loaded up to 11 cycles at which point the simulations were
stopped. Fig. 15 presents the dislocation structures observed
during the cyclic loading. These patterns varied widely from one
orientation to another. In the case of Orientation A [1 1 1] crystal-
lographic direction, the nickel single crystal experienced a triple
slip pattern with the three main shear bands nucleating from the
small circular void. One of the shear bands aligned with the x-
direction, corresponding to the [1 1 0] direction, while the other
two shear bands were positioned symmetrically about the [1 1 1]
direction (y-axis). In the case of Orientation B, with the loading
in the [1 0 0] direction, practically very little plastic deformation
was experienced by the single crystal, and the slip was localized
near the void. Orientation C [1 1 0] indicates that the dislocations
were organized in vein-like structures in some parallel bands along
the [1 1 0] direction, very similar to the dislocation structures
observed experimentally by Zhang [28]. In the case of Orientation
D, with loading applied in the [1 0 1] direction, the crystal
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Fig. 14. Representation of crack growth rate (da/dN) versus cyclic crack tip opening displacement (DCTOD) for orientations A [1 1 1], B [1 0 0], D [1 0 1] and E [1 2 2].

Fig. 15. Plastic slip patterns in nickel single crystal near a small circular void during
fatigue loading at constant strain amplitude with emax = 0.005 and emin/emax = 0.5.
All plots were taken at a 0.0045 applied strain during unloading, except the plot for
Orientation B that was taken during loading.
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experienced a double slip pattern. Most plastic deformation in this
orientation is localized in the shear bands emanating from the
void. Smaller voids and crack-like voids are nucleated in the vicin-
ity of the main void as a result of the intense plastic deformation in
the shear bands, phenomenon also observed experimentally by
Zhang [28]. The cyclic stress–strain curves for the first eleven cy-
cles are shown in Fig. 16. A dominant feature of all orientations
is that for the first nine cycles, the plastic deformation was very
small, but still noticeable in the change of the overall slope of
the stress–strain behavior and some plastic energy dissipated dur-
ing the hysteresis loops of the loading and unloading during each
cycle. For all orientations, beginning with Cycle 10, a sudden in-
crease in the slope of the stress–strain behavior was observed, as
a result of the plastic strain localization in dislocations bands. Nick-
el single crystals in Orientation A exhibited triple slip substruc-
tures resulting in the largest stress 14 GPa in Cycle 10 at the
peak strain. The smallest stress arose from Orientation B to about
9.9 GPa in Cycle 10. From Fig. 16 it can be concluded that after
the first fatigue cycles, the onset of significant plastic deformation
occurred very suddenly with a stress burst during the tenth load-
ing cycle. The crystal orientation determined the configuration of
dislocation structures in the shear bands, but it had no influence
on the cycle at which the single crystal experienced the first large
increase in stress hardening.
3.1.3. Comparison between fatigue-crack growth in copper and nickel
single crystals

Comparison between all orientations for nickel and copper are
shown in Fig. 17. The results indicated that the crack growth rate
was highly dependent on the orientation of both crystals. For the
first six cycles when the crack was small, and it did not enter yet
the zone where the edge effect was dominant, the largest crack
growth rate was experienced by Orientation C [1 1 0]. In this case,



Orientation A  [111]

Applied strain ε22

2.0x10-3 2.5x10-3 3.0x10-3 3.5x10-3 4.0x10-3 4.5x10-3 5.0x10-3 5.5x10-3

Av
er

ag
e 

st
re

ss
 σ

22
 [G

Pa
]

0
2
4
6
8

10
12
14
16
18
20
22
24

9

1
2
3

8

Cycle
Loading

Unloading
11

10

Orientation B  [100]

Applied strain ε22

2.0x10-3 2.5x10-3 3.0x10-3 3.5x10-3 4.0x10-3 4.5x10-3 5.0x10-3 5.5x10-3

Av
er

ag
e 

st
re

ss
 σ

22
 [G

Pa
]

0

2

4

6

8

10

12

14

9

1
2
3

7
8

Cycle
10

Loading
Unloading

Orientation C  [110]

Applied strain ε22

2.0x10-3 2.5x10-3 3.0x10-3 3.5x10-3 4.0x10-3 4.5x10-3 5.0x10-3 5.5x10-3

Av
er

ag
e 

st
re

ss
 σ

22
[G

Pa
]

0

2

4

6

8

10

12

14

16

18

20

9

1
2
3

7
8

Cycle

10

11Loading
Unloading

Orientation D  [101]

Applied strain ε22

2.0x10-3 2.5x10-3 3.0x10-3 3.5x10-3 4.0x10-3 4.5x10-3 5.0x10-3 5.5x10-3

Av
er

ag
e 

st
re

ss
 σ

22
[G

Pa
]

0

2

4

6

8

10

12

14

16

18

9

1
2
3

7
8

Cycle

10

11Loading
Unloading

Fig. 16. Cyclic stress–strain curves for the nickel specimens indicated in Fig. 1. The loading was cyclic at constant strain amplitude with emax = 0.005 and emin/emax = 0.5.
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the rapid crack growth can be associated with the very little crack
tip blunting observed. The smallest crack growth rate for both
nickel and copper is shown by Orientation D [1 0 1]. By comparing
the crack growth rates of individual orientations in Fig. 18, it can be
observed that copper exhibited crack growth rates larger than
nickel. When the loading was oriented in the [1 1 1] direction, both
nickel and copper experienced double slip structures with the
shear bands symmetrically oriented with respect to the loading
direction. The third shear band along [1 1 0] observed in the case
of fatigued nickel near a small circular void, was not observed very
significant in the crack growth simulations; however, the crack
maintained a planar configuration, propagating along this third
shear direction. The [1 0 0] orientation revealed a planar crack
propagation in the case of nickel with small voids nucleating in
front of the crack that were coplanar with the crack, while copper
single crystals experienced void nucleation at 45� from the hori-
zontal direction around the crack tip. In the [1 1 0] orientation
the void formation was not significant for the fatigue crack propa-
gation mechanisms. The crack tip did not experience significant
blunting, and the propagation mechanism involves mainly tearing
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of atomic bonds in the crack plane at the crack tip. For this orien-
tation, the crack advance was very rapid compared with other ori-
entations, especially in the first six cycles when the influence of the
specimen edges were not significant. Orientation [1 0 1] indicated
Fig. 19. Averaged stress strain curves from Orientation C [1 1 0] loading direction of
various thicknesses in z-direction.
for both nickel and copper the smallest amount of crack growth.
The crack tip experienced an evident double slip pattern with con-
sequential shear bands in the vicinity of the crack.
Fig. 20. Variation of fatigue-crack growth with number of cycles from Orientation C
of various thickness in z-direction.



Fig. 21. Simulation of fatigue crack growing toward the grain boundary for the bicrystal AA. The formation of veins or regions with large concentration of dislocations is illustrated.
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3.2. Fatigue-crack growth in bicrystals

Grain boundaries play an essential role in determining the resis-
tance of fatigue crack propagation in materials [33,26,20,36]. In
this section, the influences of grain boundary on the fatigue-crack
growth in copper and nickel bicrystals were investigated. The
MEAM potential was used for copper, and the EAM potential was
used for nickel.
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3.2.1. Fatigue-crack growth in copper bicrystals
Fig. 21 illustrates the fatigue-crack growth process for the first

tilt grain boundary AA. Fig. 21a shows the initial configuration of
the specimen. Starting at Cycle 2, the crack tip blunted and devel-
oped two distinct slip bands at the crack tip. The upper slip band
was formed by plastic shear on the primary slip system
[1 0 1](1 1 1). The angle between the trace of this slip system on
the view plane (1 2 1) and the vertical tensile axis [0 1 2] is
50.76�. The lower slip band is due to plastic slip on the conjugate
slip system [1 0 1](1 1 1). The trace of this slip system on the plane
of view (1 2 1) is the [3 2 1] direction and forming a 61.41� angle
with the vertical axis. At Cycle 9, the crack deviated along the pri-
mary slip band into a mixed Mode I + II crack growth. At Cycle 10,
due to the stress concentration effect of the grain boundary, the
two slip bands active at the crack tip became more diffuse, with
the crack tip plasticity being spread out more evenly around the
crack tip. At Cycle 11, near the grain boundary void nucleation
was observed in front of the crack tip in the region with a fairly
high density of dislocations. The nucleated void joined back with
the main crack and induced the crack propagation into the adja-
cent grain. Large crack tip blunting was observed at the passage
of the crack into the second grain. During loading from Cycle 2 to
Cycle 15, the development of grain substructures occurred in the
specimen. SBs formation along the primary slip system was ob-
served in the first grain. The SBs were parallel to the primary slip
directions. Also, regions with high and low dislocation densities
were observed in the specimen after Cycle 10. The second grain
also experienced substructuring in dislocation cells, mainly in the
beginning of the fatigue process while the crack was still in the first
grain.

In Fig. 22 the simulation results of the second grain boundary
misorientation BA are shown. From the loading conditions and
the orientation of the crystalline lattice in the two grains, crack
propagation was more difficult as the crack moved toward the
grain boundary. At the left edge of the specimen, the crack expe-
rienced partial closure. Some important dislocation substructures
developed in the two grains. In the first grain, a slip band at the
same orientation as in the case of grain boundary tilt AA was ob-
served. This slip band was caused by plastic slip along the pri-
mary slip system [1 0 1](1 1 1). Around the crack tip, different
stress states can be identified in Fig. 22a. Behind the crack tip, re-
gions with vacancies and veins can be identified. At the grain
boundary, voids nucleated at the interface between the two
grains. In the second grain, slip bands nucleated from the grain
Fig. 22. Simulation of fatigue crack growing toward the grain boundary for the bicrysta
narrow regions as slip bands (SBs) undergoing intense plastic deformation is illustrated
boundary along the slip system [1 0 1](1 1 1). In this case, a large
concentration of dislocations at the grain boundary was observed
due mainly to the difficulty of dislocations to cross from one grain
to another.

The grain boundary tilt CA crack growth is shown in Fig. 23.
After the first cycle, the crack developed a slip band along the pri-
mary slip system [1 0 1](1 1 1). SBs also formed in the specimen
parallel to each other and in the general direction of the primary
slip system. Outside the SBs, the density of dislocations was very
small. Due to the easy transfer of dislocations across the grain
boundary, the density of dislocations at the interface between
the two grains was very small. The formation of veins and the in-
crease in their volume fraction with applied loading was another
noticeable feature for boundary tilt CA. No deviation of crack path
out-of-plane was recorded. For the cases of grain boundary tilt AA
and CA, the orientation of the first grain from which the crack orig-
inated was the same. The difference between the two cases was the
orientation of the second grain. By comparing these two cases AA
and CA (Figs. 21 and 23), we draw the conclusion that long before
reaching the grain boundary, the crack tip plasticity and implicitly
the kinetics of crack growth was influenced by the orientation of
the adjacent grain. In the CA boundary tilt, as opposed to AA, the
dislocations easily crossed the grain boundary. As no slip band for-
mation occurred at the crack tip, and thus, no crack deviation out-
of-plane was experienced by the crack. In addition, because the
grain boundary did not create any difficulty for dislocations to pass
through (relatively low intergranular constraint), no grain sub-
structuring was observed in the case CA as opposed to case AA.
During the crack propagation, the crack plane showed distinctive
fatigue striations as recorded by the crack position at different
cycles.

In the case of grain boundary tilt DD shown in Fig. 24, two slip
bands formed at the crack tip. The upper slip band was created by
plastic slip along the primary slip direction [1 0 1](1 1 1), while the
lower slip band was caused by plastic shear along the secondary
slip direction [1 0 1](1 1 1). Comparing grain boundary tilt AA with
DA (Figs. 10 and 13), one can compare the difference between
them. Even though the orientation for the first grain was the same,
different conjugate slip systems were activated to create the lower
slip band at the crack tip. Given the same orientation of the initial
cracked grain, due to the different intergranular constraint induced
by the adjacent grain, different slip systems can be activated at the
crack tip to create the conjugate slip band. After approximately
eleven cycles for Orientation DA, the crack deviated from a Mode
l BA. Formation of vacancies (atoms displaced from their equilibrium position), and
.
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I crack growth into a mixed Mode I + II along the primary slip
direction due to a larger Schmid Factor on the primary slip band
as compared with the corresponding value for the conjugate slip
band. As the crack grew near the grain boundary, at Cycle 12, a void
nucleated at the bicrystal interface, causing the crack to change
directions. For the grain boundary tilt DA, the SBs were generally
oriented along the primary slip direction [1 0 1](1 1 1), with the
familiar ladder-like structuring of dislocations within two SBs.
Fig. 23. Simulation of fatigue crack growing tow
Outside the SBs, the dislocation density was very low, leading to
an increased hardness of the matrix material compared with the
softer material within the SBs. As in the case of other grain bound-
ary tilt cases, the DA interface subjected to fatigue loading devel-
oped veins, which induced greater volume fractions as fatigue
damage accumulated. A summary of the main findings from the
fatigue-crack growth simulations in bicrystals is presented in
Table 2.
ard the grain boundary for the bicrystal CA.



Fig. 24. Simulation of fatigue crack growing toward the grain boundary for the bicrystal DA.

Table 2
Summary of fatigue-crack growth data in bicrystals.

Grain boundary tilt Misorientation (degree) Dislocation structures Propagation mode Crack extension mechanism

AA [0 1 2]/[1 1 1] 39.23 Grain substructuring, veins, slip bands Mode I + II Ductile

BA [0 1 2]/½34 5� 55.77 Slip bands, vacancies – –
CA [0 1 2]/[0 1 2] 37.39 Veins, slip bands Mode I Ductile
DA [0 1 2]/½012� 60 Veins slip bands Mode I + II Ductile
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3.2.2. Fatigue-crack growth in nickel bicrystals
The simulation of fatigue-crack growth in bicrystal with a large

misorientation and the corresponding single crystal are shown in
Figs. 25 and 26, respectively. These figures show that the crack
was impeded by the grain boundary in the bicrystal. Figs. 27 and
28 show the fatigue crack propagation in the bicrystal with a small
misorientation and the corresponding single crystal, respectively.
In the bicrystal, the crack can go through the grain boundary, but
its growth rate was obviously lowered by the grain boundary.
Fig. 25. Simulation of fatigue-crack growth toward grain boundary for h = 30� at
13th cycle. The crack stops growing in front of the grain boundary at 5th cycle.

Fig. 26. Simulation of fatigue-crack growth in corresponding single crystal for
h/2 = 15� at 13th cycle.

Fig. 27. Simulation of fatigue-crack growth toward grain boundary for h = 10� at
13th cycle.

Fig. 28. Simulation of fatigue-crack growth in corresponding single crystal for h/
2 = 5� at 13th cycle.

Fig. 29. Increasing maximum strain loading.
3.3. Fatigue-crack growth in nanocrystalline

3.3.1. Fatigue-crack growth in nanocrystalline copper
Figs. 30–32 illustrate the evolution of fatigue-crack growth for

the nanocrystalline cu specimen containing five grains. Fig. 30
shows the centrosymmetry parameter, and Fig. 31 shows the asso-
ciated uniaxial Green strain illustrating the fairly large local strains
(50%) at the grain boundaries near the crack tip; Fig. 30a also
shows the initial configuration of the specimen. The crack propa-
gated along persistent slip bands within the grain. At the sixth cy-
cle, it encountered the grain boundary. Then the crack propagated
along the grain boundary and traversed into another grain. The
crack growth in the specimen with 20 grains is illustrated in
Fig. 33. The crack grew within the grain by the mechanism of
atomic cleavage. It encountered the triple point of grain boundaries
at the fourth cycle. After that, the crack propagated along grain
boundary.

Fig. 34 shows the simulation results in the specimen containing
40 grains. The crack also propagated along a persistent slip band
within the grain. When the crack reached grain boundary, it
stopped growing due to the resistance of grain boundary. In all of
the cases, the formation of the dislocation structure due to cyclic
loading was observed in different grains. The crack propagated
along grain boundaries when the angle between the direction of
crack propagation and the grain boundary was small, while it
was impeded by the grain boundary when the angle was large.
Hence, the tortuosity of the fracture path is a function of the crystal
orientations, local misorientations between grains, and grain size.
3.3.2. Fatigue-crack growth in nanocrystalline nickel
The crack propagation of nanocrystalline nickel is shown in

Fig. 35, where the position of the crack tip is plotted as a function
of the number of cycles. The slopes in this type of plot were



Fig. 30. Centrosymmetry parameter is shown for the simulation of fatigue-crack growth in polycrystal containing five grains for nanocrystalline copper.
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computed for each of the stress intensity amplitudes considered.
Fig. 36 shows the resulting rates of crack advance calculated using
molecular dynamics for the three values of the stress intensity
amplitude. The figure also shows the results of molecular statics



Fig. 31. The uniaxial strain component (Green strain 22) is shown for the fatigue-crack growth in polycrystal containing five grains for nanocrystalline copper. Note the
strains near the grain boundaries.
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and the available experimental data for nanocrystalline Ni by Han-
lon et al. [37].

The results show that crack advance rates are not very sensitive
to the technique as the molecular dynamics and molecular statics
giving similar results. This suggests that the molecular dynamics
results do not have major spurious effects due to the unrealistically
high loading rates. To further establish confidence in these results,
we studied the basic mechanisms of crack advance using both
techniques. For both cases, we observed a continuous increase in
the number of dislocations present in the crack tip region as the
crack advanced, and the formation of nanovoids or vacancy clus-
ters ahead of the main crack. Fig. 37 shows the number of disloca-



Fig. 32. The shear strain component (Green strain 12) is shown for the fatigue-crack growth in polycrystal containing five grains for nanocrystalline copper. Note in Cycle 8
the crack path oriented toward the local shear strain.
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tions and nanovoids observed as the cyclic deformation pro-
gressed. Fig. 38 shows crack tip configurations corresponding to
Cycles 1, 12, and 20. The simulations shown in Figs. 37 and 38 were
conducted using molecular statics at a stress intensity amplitude of



Fig. 33. Centrosymmetry parameter for the simulation of fatigue-crack growth in polycrystal containing 20 grains for nanocrystalline copper.
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1.28 MPa
ffiffiffiffiffi
m
p

. Frames on the left side of Fig. 38 are for maximum
loading conditions, whereas frames on the right show the mini-
mum loading configurations. The visualization in Fig. 38 is carried
out using the local hydrostatic stress calculated for each atom. The
gray scale shows areas under tension as light gray and areas under
compression in darker shades. The visualization technique requires
an assumption regarding the local atomic volume for each atom,
which we considered constant. The technique allows the visualiza-
tion of the damage, including stacking faults that are the result of
the emission of partial dislocations from the grain boundaries.

In Fig. 39 we show greater detail of the configuration of the tip
as the crack is loaded to the maximum stress intensity after 26 and
31 cycles. The main mechanism of crack advance is the formation
of vacancy clusters ahead of the crack tip that result from the plas-
tic deformation in the tip region. The results in this figure were ob-
tained using a static technique where the crack reached local
equilibrium at both the high and the low loading points of each cy-
cle. The results obtained using molecular dynamics were similar in
nature, also showing the formation of nanovoids ahead of the main
crack. This mechanism of the crack advance was also observed in
the monotonic fracture simulation studies of Ni that we carried
out previously [18]. We note that crack advance and the formation
of the nanovoids under monotonic loading occurred at stress inten-
sity amplitudes that were two to three times higher than those
used here as the maximum loading. The formation of nanovoids
in a grain boundary ahead of the main crack seems to be a general
failure mechanism in nanocrystalline materials depending on the
orientation as evidenced in the copper as well. In the present sim-
ulations we find that these nanovoids were created by the presence
of dislocations emitted from the crack tip. In Fig. 39 we can see
nanovoids both within the grain where the crack tip was located
and at the grain boundary. The nanovoids within the grain were re-
lated to the presence of two or more dislocations in adjacent
planes. The arrival of the dislocations to the grain boundary region
also caused the formation of nanovoids, as the dislocations could
not cross into the adjacent grain. We observed a distribution of
these nanovoids that was essentially confined to the grain where
the crack tip was located, with most of the dislocations being un-
able to continue to glide across the grain boundaries.

It is encouraging to note that our results yield four points in the
curve of crack advance versus stress intensity amplitude that are
very consistent with the experimental measurements in nanocrys-



Fig. 34. Centrosymmetry parameter for the simulation of fatigue-crack growth in polycrystal containing 40 grains for nanocrystalline copper.
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talline Ni. The results as illustrated in Fig. 36 show that our simu-
lations are in the Paris Law regime. This can be related to the small
size scale of the microstructural features in our sample. The size of
our cyclic plastic zone is comparable to the grain size, as shown in
Fig. 35. Crack advance as a function of the number of cycles observed in a static
simulation with DK = 1.28 MPa

p
m.
Fig. 38, the point where a transition to a Paris regime typically
occurs [38]. Our results imply a Paris Law exponent of about two,
indicated by the line in Fig. 36. This exponent is expected from
Fig. 36. Rate of crack advance for both molecular statics and dynamics simulations
together with experimental results by Hanlon et al. [37].



Fig. 37. The number of dislocations and nanovoids present in the crack tip region as
the cyclic loading proceeds for nanocrystalline nickel.
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deformation controlled geometrical models that are based on crack
tip opening displacement which are related to the square of the
stress intensity amplitude [38].

One Paris Law model with an exponent of two is described by
Weertman [39] for fatigue-crack growth controlled by crack tip
blunting. In this model, the crack growth rate is given by da/
dN = b(DK/2 g Kc)2 (Eq. (10.37) in [39]), where da/dN is the crack
growth rate per cycle, b is the Burgers vector, g is the ratio between
critical stress-intensity-factors for dislocation emission and cleav-
age, and Kc is the critical stress intensity for cleavage. Using a value
of 0.9 for the ratio g, the Burgers vector of a Shockley partial dislo-
cation of 0.144 nm and a value of 0.96 MPa

ffiffiffiffiffi
m
p

for Kc, we obtain
da/dN = 0.087DK2, with da/dN in nm per cycle and the stress inten-
sity in MPa

ffiffiffiffiffi
m
p

. This compares well with the best fit line obtained
from our four data points which is da/dN = 0.095DK2 in the same
units. This good agreement suggests that the crack advance process
observed here is controlled by crack tip blunting caused by disloca-
tion emission. Alternatively, one can use a simpler formulation also
described by Weertman [40] for a similar model which gives da/dN
of the order of (DK/G)2. This for Ni would imply da/dN = 0.173DK2

in the same units, which is again of the order of our best fit values.
The models that give da/dN of the order of (DK/ryield)2 or DK2/
G � ryield would significantly overestimate the current results.

To further support our conclusion that the crack advance is
controlled by blunting caused by dislocation emission, Fig. 40
shows a plot of the crack tip position versus the total cumulative
blunting caused by dislocation emission. The total cumulative
blunting values in this figure were obtained from the total num-
ber of dislocations observed in the sample, multiplying by the
projected Burgers vector. We assumed that all dislocations emit-
ted from the crack tip caused blunting of the crack. The data in
Fig. 38 indicate that the total crack advance is of the order of
the total cumulative blunting that can be attributed to the dislo-
cations observed in the sample.

Regarding the threshold stress, the values we obtained (about
1 MPa

ffiffiffiffiffi
m
p

) also compare very well with the model estimate of
Gb1/2 [40] which gives 0.91 MPa

ffiffiffiffiffi
m
p

. The threshold value found
here also is of the order of the estimates based on dislocation
dynamics models [41–44] of 3 � 10�6 E

ffiffiffiffiffi
m
p

, which for a value of
the Young modulus E of 200 GPa gives 0.6 MPa

ffiffiffiffiffi
m
p

. For stress
intensity amplitudes just above the threshold value, we obtain
crack advance rates that are of the order of an interatomic distance,
consistent with the analysis given by Weertman [40].
Although we see evidence of damage accumulation in the sam-
ple, as shown in Fig. 38, the predicted Paris Law exponent based on
damage accumulation models is four [38], which does not agree
with our results. This can be related to the presence of grain
boundary material in the immediate vicinity of the source of dislo-
cation emission. For the nanocrystalline materials studied here, the
dislocations that are emitted from the crack tip interact with the
grain boundaries present in the crack tip zone at very short dis-
tances from where they are emitted. Typically, many dislocations
travel to a nearby grain boundary and are then absorbed. The grain
boundaries themselves contribute to accommodating plasticity, as
has been shown in many studies of deformation of nanocrystalline
materials [45]. The models based on damage accumulation are
based on calculations of the field of a distribution of dislocations,
as in the model by Weertman [46], or on a calculation of the energy
balance necessary for crack advance, as in the model by Rice [47].
The particularities related to the very small grain sizes and large
fraction of grain boundaries of the nanocrystalline materials dis-
cussed above are not taken into account. The very small grain sizes
also promote a more homogeneous distribution of the damage, as
discussed by Misra and co-workers [48].
4. Summary and future directions

In this paper, we reviewed the research, which is fairly recent,
related to atomistic modeling of fatigue-crack growth in FCC met-
als at the nanoscale and have added some new simulation results
to provide understanding of nanostructurally small cracks (NSC).
In single crystals, fatigue damage was caused by persistent slip
band formation, and crack growth was simulated using center
crack specimens. The crack tip plasticity formation determined
by the number of active slip systems was the main influencing fac-
tor for the propagation of nanocracks. The crystallographic orienta-
tion played an essential role in determining the particular type of
dislocation structure experienced in single crystals. For orienta-
tions resulting in double slip at the crack tip, the plasticity local-
ized in the two active slip bands leading to significant crack tip
blunting. In such a situation, the crack propagated along one of
the slip bands, leading to a mixed Mode I + II crack growth. For ori-
entations resulting in multiple slip systems concomitantly active at
the crack tip, the plastic deformation was distributed more evenly
around the crack tip similar to isotropic hardening, yielding a dif-
fuse isotropic plastic zone. In general, the propagation mechanism
for nanocracks included void nucleation in front of the crack tip
with a high density of dislocations and then the void linked back
to the main crack to incur crack growth. In other situations, crack
propagation involved only cleavage of atomic bonds in the crack
plane leading to crack extension.

The molecular dynamics simulations revealed that NSC growth
rates based upon the CTOD were found to be comparable with
those of microstructural cracks, but significantly greater than those
of long cracks. In addition, nanoscale cracks were found to grow at
stress-intensity-factor ranges well below the commonly accepted
values for long cracks. This indicates that improved multiscale the-
ories of fatigue damage progression in metals, cannot neglect these
accelerated crack growth rates for cracks in the nanometer range.

Analysis of crack growth at grain boundaries revealed that for
high misorientation angles, the crack path deviated at the grain
boundary. For high misorientation angles between the active
(1 1 1) planes, grain boundaries acted as barriers, which trapped
dislocations. For no misorientation of the active (1 1 1) planes in
the two grains, the dislocations easily crossed the grain boundary.
In this case, the grain boundary became almost indistinctive from
the surrounding grains with the prevalent features being disloca-
tion structures. The atomistic simulations revealed the formation



Fig. 38. Crack tip configurations for cycles 1, 12, and 20 for nanocrystalline nickel. Molecular statics with DK = 1.28 MPa
p

m. Left frames are for maximum loading and right
frames for minimum loading.
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of different dislocation structures, such as slip bands and vein
structures, based on the crystallographic orientation. In addition,
vacancy formation was observed during the fatigue simulations.
Due to the different stress regions created at the crack tip and
the intergranular constraint between the two adjacent grains, we
observed the formation of dislocation cells and walls. The atomistic
simulations also clearly revealed that, according to different tilt an-
gles of the grain boundaries, different slip systems could be acti-
vated at the same time. In general, the nanocrack followed the
slip band path with the highest resolved shear stress. In the vicinity
of the grain boundary, the crack growth mechanism was governed
by the void nucleation and slip band formation.

The first atomistic studies of fatigue behavior in Ni nanocrystal-
line materials showed a Paris Law exponent of two, and a mecha-
nism that was dominated by the role of the dislocations emitted
from the crack tip, with a crack advance that blunted because of
the emitted dislocations. Our results are consistent with experi-
mental measurements of crack advance rates [30]. Furthermore,
the nanovoids found ahead of the crack tip are in agreement with
simulations and experimental transmission electron microscopy
results obtained for monotonic fracture [38].

Clearly, MD and MS fatigue simulations have recently been used
to reveal mechanisms at the nanoscale but for greater impact sev-
eral new research endeavors are warranted:

1. To date, only FCC metals have been investigated. BCC and HCP
materials need to be examined since many structural materials
such as iron, steel, magnesium, titanium might find their way
into nanostructural materials.

2. Because of the ‘‘welding” that occurs in the R = �1 simulations,
an increasing applied load was used to characterize the nano-
scale crack growth. Clearly, different R-values and boundary



Fig. 40. Crack tip position plotted as a function of the total cumulative blunting
caused by dislocation emission for nanocrystalline nickel.

Fig. 39. Crack tip configurations for 26 (left) and 31 (right) cycles for nanocrystalline nickel. Molecular statics with DK = 1.28 MPa
p

m. Frames show maximum loading.
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conditions for that matter are needed to examine the different
stress state effects that could be observed in nanostructural
materials.

3. Temperature dependent nanoscale cyclic plasticity and fatigue
has yet to be studied. MD and MC could be used to quantify
the temperature effects at different applied strain rates
(frequencies).

4. The bridge between atomistic scale fatigue and dislocation den-
sity fatigue simulations needs to be defined and used for multi-
scale materials modeling. This in turn, could motivate the
development of microstructurally small crack modeling efforts
from a physical basis.

5. Quantifying high cycle fatigue is an issue currently with MS,
MD, and/or MC methods so garnering larger time periods would
be of research interest.

6. Methods to get more realistic boundary conditions from higher
scale conditions are warranted in order to get quantitatively
more precise crack growth values. Currently, we can get several
dislocations in these molecular dynamics simulations, and
sometimes the small length of the specimens admits more dis-
locations where larger scale grains would not otherwise induce.

7. Because strain levels of 0.01 are required to grow a crack in MD
with only one local defect (void or crack), one might speculate
that in engineering materials, where many defects are present,
lower strains can induce the crack growth because of the many
defects.

8. Including molecular dynamics studies with probabilistic distri-
butions of microstructures and grain boundaries that lead to
macroscale fatigue predictive tools can also be a fruitful endea-
vor. The single crystal, simple bicrystal, and simple polycrystal-
line studies conducted to date provide only a starting point for
NSC behavior.
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